Hydrogen ingress into a metal is a persistent source of embrittlement. Fracture surfaces are often intergranular, suggesting favorable cleave crack growth along grain boundaries (GBs) as one driver for embrittlement. Here, atomistic simulations are used to investigate the effects of segregated hydrogen on the behavior of cracks along various symmetric tilt grain boundaries in fcc Nickel. An atomistic potential for Ni-H is first recalibrated against new quantum level computations of the energy of H in specific sites within the NiΣ5(120)⟨100⟩ GB. The binding energy of H atoms to various atomic sites in the NiΣ3(111) (twin), NiΣ5(120)⟨100⟩, NiΣ99(557)⟨110⟩, and NiΣ9(221)⟨110⟩ GBs, and to various surfaces created by separating these GBs into two possible fracture surfaces, are computed and used to determine equilibrium H concentrations at bulk H concentrations typical of embrittlement in Ni. Mode I fracture behavior is then studied, examining the influence of H in altering the competition between dislocation emission (crack blunting; "ductile" behavior) and cleavage fracture ("brittle" behavior) for intergranular cracks. Simulation results are compared with theoretical predictions (Griffith theory for cleavage; Rice theory for emission) using the computed surface energies. The deformation behavior at the GBs is, however, generally complex and not as simple as cleavage or emission at a sharp crack tip, which is not unexpected due to the complexity of the GB structures. In cases predicted to emit dislocations from the crack tip, the presence of H atoms reduces the critical load for emission of the dislocations and no cleavage is found. In the cases predicted to cleave, the presence of H atoms reduces the cleavage stress intensity and makes cleavage easier, including NiΣ9(221)⟨110⟩ which emits dislocations in the absence of H. Aside from the one unusual NiΣ9(221)⟨110⟩ case, no tendency is found for H to cause a ductile-to-brittle transformation for cracks along GBs in Ni, either according to theory or simulation for initial equilibrium H segregation and with no, or limited, H diffusion near the newly-created fracture surfaces. The NiΣ3(111) twin boundary does not absorb H at all, suggesting that embrittlement is more difficult in materials with higher fraction of such twin boundaries, as found experimentally. Experimental observations of cleavage-like failure are thus presumably caused by mechanisms involving H diffusion or dynamic crack growth.
Introduction
It is well-established that Hydrogen degrades the mechanical properties of metals such that failure is easier [1] [2] [3] [4] [5] , but the mechanism(s) driving this embrittlement remain unknown. Hydrogen can interact with (i) dislocations to change the overall plastic flow behavior, (ii) crack tips to change the local deformation (enhancing or suppressing cleavage relative to dislocation emission), (iii) grain boundaries to enhance intergranular failure, recent density functional theory (DFT) data for H in the NiΣ5(120)⟨100⟩ GB and the subsequent energies and segregation of H to atomic sites in a range of symmetric tilt boundaries in Ni is presented in Section 3. Section 4 summarizes the details of the simulations of the crack behavior with and without H segregated to GBs. The 50 results of the simulations are presented and discussed in Sections 5 and 6, respectively.
Theoretical framework
In this section, a brief overview of the Griffith and Rice criteria for cleavage and dislocation emission, respectively, and some subtleties in their application to GB problems are discussed. The influence of interstitial hydrogen atoms on the key parameters in each criterion is then also presented.
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We consider a symmetric tilt grain boundary with the tilt angle of ψ containing an intergranular crack, as illustrated in Figure 1 . The stiffness tensor of the material in the coordinate system {x i } (i = 1, 2, 3) is C. The deformation mode at the crack tip is determined by the competition between cleavage and dislocation emission mechanisms. According to Griffith theory, cleavage occurs when the energy release rate at the crack tip G = αK 2 Ic reaches the critical value, G c = γ i = γ s1 + γ s2 − γ GB , where γ si (i = 1, 2), and γ GB are the energies of the surfaces made after cleavage and grain boundary energy, respectively. The critical stress intensity factor for cleavage can be determined as The emission of a dislocation can occur at the crack tip when the stress intensity K I reaches the critical value K Ie required for a dislocation to be nucleated on a slip system available at the crack tip [23] . For cases where a slip system exists that contains the crack front line, emission of a straight dislocation along the length of the crack can occur, and this is generally the easiest (lowest K Ie ) or most-ductile situation. In this case, the critical K Ie is K Ie = β(θ, φ, C, ψ)γ usf (2) where θ, φ, and γ usf are the angle between the slip and crack planes, the complementary angle of the crack front and the slip direction, and the unstable stacking fault, respectively. Details for calculating β within anisotropic elasticity are also given in [22] . The same formulation can be used for the case of the symmetric tilt GBs 70 in cubic metals, which is the case studied here. The unstable stacking fault energy is a function of hydrogen concentration (see, for instance, [21] ). However, the slip planes of interest are usually inclined with respect to the grain boundary plane so that H may exist only very locally at the crack tip along the grain boundary, and it is unclear whether the H will influence the unstable stacking fault energy that controls the emission. However, in any case, emission is into one of the two grains, and hence the unstable stacking fault energy of the bulk 75 material is probably the relevant quantity. In this work, we use the value of γ usf for pure Ni in all cases, which should provide a lower bound on emission since H increases the unstable stacking fault energy for the Ni-H system [21] .
An important feature of intergranular fracture is the directional anisotropy of a crack which is observed in experiments [24, 25] . This feature can be explained by means of Rice theory [23] . Since K Ie depends on θ and 80 φ, a finite crack with two cracks tips along the same GB has two different values for θ and φ. One crack tip may show ductile behavior, K Ie < K Ic , while the opposite crack tip may show brittle fracture, K Ic < K Ie . Here, we define "emission" to refer to cases where emission is theoretically predicted to be favored over cleavage.
Likewise, we define "cleavage" to refer to cases where cleavage is theoretically predicted to be favored over emission. Since Ni, and most other fcc metals, do not show intergranular failure in the absence of H, we can 85 safely assume that brittle crack growth in a "cleavage" cases alone is not sufficient for embrittlement. We thus focus mainly on the behavior of the "emission" cases, searching for a ductile-to-brittle transition.
Energetics of Hydrogen in Ni grain boundaries and fracture surfaces
In bulk fcc Ni, H atoms occupy octahedral interstitial sites. The binding sites in and around any particular grain boundary must be determined, and depend strongly on the local atomic structure [26] . For a possible H site i, we define the interaction energy of an H atom relative to the energy of H in a bulk octahedral site as
where E GB+H i is the energy of a fully-relaxed material containing a grain boundary with an H atom at site #i and where E GB+H bulk the energy of the same fully-relaxed material with an H atom in a bulk interstitial site far 90 from the GB.
Validated Ni-H interatomic potential
For the complex crack studies here, atomistic simulations must use semi-empirical interatomic potentials; Figure 2a shows the positions of the binding sites found in the two different sets of DFT calculations; the corresponding H/GB interaction energies are shown in Table 1 . Alvaro et al. [29] show that H binds to octahedral-like sites at the boundary, with site #5 in a very 100 open region of the GB being unstable. This result is slightly counter-intuitive because H atoms have large misfit volume and so generally prefer to occupy sites with more open structure, and surfaces are also quite favorable relative to the bulk. Di Stefano et al. [30] show this site to be stable and with a large interaction energy of -0.22 eV. In spite of the discrepancy at site #5, the results are comparable for H at binding sites #1 and #2. The EAM potential finds all the octahedral-like sites #1-#4 and the site #5 to be stable and binding.
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For the existing Ni-H EAM potential, however, the interaction energies at all sites are 0.1eV higher (stronger binding) than the DFT calculations. This discrepancy would lead to large overestimation of the probability of occupation of such sites in the NiΣ5(120)⟨100⟩ as well as errors in the GB and surface energies in the presence of H. The existing Ni-H EAM potential is thus inadequate. We have modified the existing EAM potential by changing some of the parameters that describe the Ni-H interactions but while maintaining good overall properties. for the study of the grain boundary problems of interest here. Figure 2 shows the position of the binding sites for H in each GB. The corresponding interaction energies are shown in Table 3 . It
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should be noted that the molecular statics simulations are performed using the Large-scale Atomic/Molecular
Massively Parallel Simulator (LAMMPS) [32] and atomic configurations are visualized using the Open Visualization Tool (OVITO) [33] . For NiΣ3(111)⟨110⟩, the twin boundary, there is only one site for H and it has a very small interaction energy. For NiΣ9(221)⟨110⟩ and NiΣ99(557)⟨110⟩, the binding sites are concentrated in the areas with more open structure. We have evaluated the H-H interactions for H atoms in two types of sites; 125 in all cases, the H-H interactions are repulsive but fairly small (all less than 0.02 eV). We thus neglect the H-H interactions and consider the interaction energy of each site as independent of the H occupation of any other sites. We followed the same procedure to find the binding sites and energies on and around the free surfaces [114]
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[001] Table 3 . The interaction energies of H atoms with the free surfaces are necessary for calculation of the equilibrium concentration of the H atoms on the initial crack faces, but do not enter in any other calculations here. It also should be mentioned that the repulsive H-H interaction of the adjacent sites at these surfaces is also negligible. 
Based on the computed binding energies and small magnitudes of H-H interactions, we can construct GB structures with equilibrium segregation of H. We use a simple solution model to compute the concentration c i of H segregated to sites of type i with binding energy E int,i as
where T is the temperature, c 0 is the bulk concentration of H atoms, corresponding to some imposed H chemical For cleavage fracture, we require the initial grain boundary energy γ GB and the final energies of the two new 140 fracture surfaces γ s1 , γ s2 that are created by the cleavage. These quantities combine to yield γ i = γ s1 + γ s2 − γ GB that enters the Griffith theory for cleavage. The GB energies without H are easily computed. In the presence of H, we can also compute the total energy knowing the H/GB interaction energies E int,i and the equilibrium concentrations c i for all site types i per unit of GB area. The final surface energies γ s1 , γ s2 depend, however, on the precise fracture surface, which is not defined a priori. Imagining fracture to occur by the separation across 145 a specified planar surface, we can consider several possible planar surfaces and compute the energy γ s1 + γ s2
for each planar surface. We compute the energy for both rigid separation and following atomistic relaxation of the separated surfaces to examine the effects of such relaxations. We then select the lowest energy among all of these choices as the final surface energy used in the theory. For each GB, the three different choices of planar surface are shown in Figures 3-5 and the resulting final surface energies are shown in Table 4 , for cases 150 with and without H. Table 4 shows that the variations in γ i versus choice of separation plane are generally not large for the fully relaxed surfaces. The largest differences upon relaxation occur for those surfaces with high unrelaxed energies. More interestingly, the presence of H does not lead to significant changes in the fracture energy γ i , except for the case of the Ni(120)Σ5⟨100⟩ GB, which is expected to be brittle even without H.
opening. These results are thus the "fast" limit considered by Rice [34] , in contrast to the "slow" limit where the final fracture surfaces are considered to have full equilibrium H concentrations of the surfaces. The "slow" limit is achieved by H diffusion, and at very low bulk H concentrations would require diffusion over significant distances continuously during crack growth. Here, we consider another more realistic limit wherein all H that is near the fracture surface, due to having been segregated to the GB prior to fracture, can diffuse via a few 160 atomic hops to some lower-energy position on the fracture surface. Such diffusion could be envisioned to occur right at the crack tip during the opening process. To examine this "local diffusion" case, we have started from the relaxed separated fracture surfaces and then moved all subsurface H atoms to nearby low-energy sites on the fracture surface. These atomic configurations are shown in Figure 3 -5. The entire system is then relaxed to obtain new energies γ s1 , γ s2 and hence new fracture energies γ i , as shown in Table 4 . We find very limited 165 changes in the fracture energy due to this local diffusion, especially for the lowest fracture-energy cases that control the fracture behavior.
Figs. 3-5 shows the structure of the grain boundaries of interest in the presence and absence of H atoms.
The relaxed and unrelaxed states of the separated grain boundaries for different cutting planes are given in these
Figures as well. It should be noted that since the interaction energy of the H atoms with the twin boundary 170 is extremely low, the amount of H atoms along the boundary is low such that the separation energy in the H-charged cases is identical to that of the H-free case. Thus, local diffusion effects are also insignificant. For the twin, using a blunted crack leads to unphysical results and so a sharp crack is inserted by artificially eliminating atomic interactions across the crack faces. For this crack geometry, all cases except NiΣ5(120)⟨100⟩ 180 have a slip plane that allows for the emission of straight dislocations from the crack tip. For the cases with H atoms, we saturate the binding sites of the crack faces at the equilibrium concentrations c i according to Eq. (5).
To study the directional anisotropy of the intergranular cracks, we consider crack growth in both emission and cleavage directions, and both directions for the NiΣ5(120)⟨100⟩ GB. The simulation cell is then subjected to incremental K-field loading by displacing all atoms within 10Åof the outer cell boundary according to the 185 asymptotic continuum solution for a semi-infinite crack in an anisotropic linear elastic symmetric bicrystal.
After each increment of loading, the boundary of the specimen is held fixed and the remaining atoms in the simulation cell are relaxed to the minimum total energy of the system using the conjugated gradient method [35] .
The relevant geometric parameters describing the slip in the grains are tabulated in Table 5 . Table 4 . Table 6 Table 4 into Eq. (1) while the theoretical emission loads are calculated by incorporating the information in Tables 2 and 5 into Eq. (2). As noted, distortions and energy of H near the crack tip are not included in the emission theory, and hence some deviations between simulation and emission theory can be expected. In any case, however, no ductile-to-brittle transition is observed due to the introduction of H into this GB.
Results
Figs. 12 and 13 show key atomistic configurations for the intergranular crack along the NiΣ5(120)⟨100⟩ for 245 the two crack directions, respectively. Recall that for this boundary there are no slip planes containing the crack front so that any emission is on oblique planes, which requires higher loads and which is also outside the scope of the emission theory used here. Such three-dimensional behavior is beyond the scope of this work and so our simulations use short crack front lengths and are quasi-2d so as to suppress the oblique emission. Both crack directions are thus expected to be "cleavage" cases. The predicted cleavage load is 0.92MPa √ m in pure Ni and Purple: H) Purple: H) Figure 10 : Process of an intergranular crack propagation in NiΣ99(557)⟨110⟩ along the theoretically cleavage favorable direction.
Atoms colored by Common Neighbor Analysis (Green: fcc Ni; Red: hcp Ni; White: Ni with less than 12 neighbors; Purple: H) Figure 11 : Process of an intergranular crack propagation in NiΣ99(557)⟨110⟩ along the theoretically emission favorable direction.
Atoms colored by Common Neighbor Analysis (Green: fcc Ni; Red: hcp Ni; White: Ni with less than 12 neighbors; Purple: H) 
Discussion
The simulations show that no ductile-to-brittle transition is observed for the predicted ductile cracks in the presence of segregated hydrogen atoms along any of the GBs studied here. However, hydrogen does make cleavage easier for crack growth in the intrinsically brittle directions. In the particular case of NiΣ9(221)⟨110⟩, the theoretically-brittle case is actually ductile, and the presence of H leads to the expected cleavage/brittle
These observations indicate that hydrogen has limited embrittling effects due to a change in the crack tip behavior, but can help intergranular fracture to be more favorable in theoretically brittle cases. These results, except the case of NiΣ9(221)⟨110⟩, are in qualitative agreement with the theoretical Rice and Griffith criteria.
However in all cases, the exact values of the K-loads at which critical events occur are different between theory 270 and simulation, and the nature of the different atomic scale mechanisms of crack growth vary. Below, we thus discuss the origins of these differences and further elucidate the effects of segregated hydrogen on these intergranular fracture processes.
One major effect that hinders easy cleavage of the crack faces, and that raises the fracture K above the Griffith prediction, is crack trapping within the GB structure. Since the grain boundary has a complicated 275 discrete structure at the atomistic level, the crack tip can be arrested within the higher-toughness regions of the GB. The crack may first extend through lower-toughness regions but ultimately encounters the locally-tougher regions. Griffith theory considers only the surface energy, which is an average over the various structural units in the GB. With trapping, a higher K + is required for crack growth. If K + is higher than the critical emission load, local plastic events can occur prior to, or in place of, cleavage. In pure NiΣ9(221)⟨110⟩, the final event in in which the crack tip in pure Ni actually emits dislocations, adding H makes cleavage favorable by preventing local atomic rearrangements. This is the only case in which we observe any ductile-to-brittle transition. Per the discussion above, the embrittlement in this case presumably arises from reduction of trapping effects rather than reduction in the fracture energy. As stated earlier, temperature can reduce the trapping effect, thus even in this case we expect that embrittlement may not occur at finite-T. A similar effect reduces the critical K-load Another issue in relating simulations to theory is the occurrence of local distortions at the crack tip. These distortions could be an artifact of the interatomic potential or a consequence of complicated "plastic" activity at 300 the crack tip. For an intergranular crack along [210] of the NiΣ5(120)⟨100⟩, such plastic activity is the start of emission of oblique dislocation loops that, due to the short crack front length, interact and prevent larger-scale expansion of the dislocation loops. This activity hinders the crack from propagating until the load has been increased by an additional 15% .
H atoms could also have both increasing and decreasing effects on the emission load. A high H concentration 305 along the inclined slip planes in the grains will increase γ usf and hence increase the emission load [21] ; this is not present in our simulations because H is only present in the grain boundaries. Emission in mode I loading is accompanied by creation of a surface step, and the energy cost for creation of this surface step is proportional to the surface energy of the metal; this effect is not included in the Rice theory. Since H atoms saturate the crack faces in most cases, the surface energy could be reduced and the critical K for emission also reduced, but 310 this depends on H rearrangements as the step is being created. Here, for the predicted emission directions of NiΣ3(111)⟨110⟩ and NiΣ99(557)⟨110⟩, the presence of H atoms along the GB and on the crack faces indeed reduces the critical K for emission. In the case of the NiΣ3(111)⟨110⟩ GB, where H atoms are present only on the crack faces, the reduction in the emission load is due to this effect. In the case of the NiΣ9(221)⟨110⟩
GB, adding H atoms does not decrease the emission load. However, the crack tip emitted both leading and 315 twinning partials at the same K. Hydrogen-enhanced emission of dislocations from crack tips is reported in the literature, for example see [36] .
All simulations and theoretical calculations presented in this work are done for T=0K, and finite-T thermal activation might be envisioned to alter the results. However, we believe the T=0K results are reasonable for understanding most finite-T conditions. The Griffith theory is a thermodynamic criterion and so the effects of 320 temperature are due only to temperature-dependent changes in surface/interface energies and elastic moduli.
These quantities both typically decrease with increasing temperature. Thus, the K for cleavage should reduce with increasing temperature. The Rice criterion is an instability condition, and so there is an energy barrier that can be overcome at lower loads at finite T. However, the energy barriers are typically large [37, 38] and so the decrease in applied K is relatively small at moderate temperatures (T=300K). The main effects of temperature 325 on the Rice condition are thus due to changes in γ usf and elastic moduli. The decrease in K for emission is thus expected to change similarly to the K for cleavage. Thus, the temperature-dependent competition between cleavage and emission will not change dramatically and predictions at T=0K are thus expected to be representative of results at finite T, in general. The only exception to this discussion involves lattice trapping, where we noted earlier that finite temperatures will reduce trapping and allow cleavage to occur closer to the 330 thermodynamic Griffith limit.
In summary, the presence of H creates no ductile-to-brittle transition for grain boundary cracks that are predicted to emit dislocations in the absence of H, at levels of H corresponding to equilibrium segregation at bulk H concentrations where embrittlement is typically observed in Ni. The simulation results are in qualitative agreement with the Griffith and Rice theories, although quantitative differences are notable. Reasons for the 335 differences have been discussed. Generally, H makes cleavage possible and easier in the predicted brittle cases, but does not cause the predicted emission cases to become brittle. For a finite length crack nucleated along a grain boundary that is saturated with an equilibrium distribution of H atoms, the crack is predicted to propagate only along the brittle direction. This propagation either needs higher K or is not possible in the Hfree case. The crack tip in the ductile direction will not extend by cleavage and, as the crack grows in the brittle 340 direction and K increases, the crack would emit dislocations in the ductile direction. We find no evidence that H changes the ductile behavior in theoretically ductile cases, and in fact observe cases where H facilitates emission.
While no study can be exhaustive, our results lead us to conclude that hydrogen embrittlement observed in polycrystalline Ni is not likely associated with equilibrium-segregated H along grain boundaries. Embrittlement is thus presumably attributed to processes that involve H transport (through the bulk or along the boundaries), to further theoretical investigation.
